The identification of the sites where corrosion pits initiate, on metal surfaces covered by protective oxide films, has been a focus of attention for many years. This problem has proved more difficult for pure metals, where in many cases no micrometer-scale second phase particles, as usually are associated with pits in alloys, are present. Diverse catalogs of pitting mechanisms and potential initiation sites have been discussed in the literature, [1] [2] [3] but conclusive evidence for any particular mechanism has been difficult to obtain. Some pit initiation mechanisms do not involve specific types of surface sites, implying that pits can form at randomly selected points on the metal surface. However, there are indications that the local metal phase composition strongly influences pit initiation behavior. For example, on aluminum alloys, pitting may initiate in copper-depleted zones near grain boundaries and intermetallic particles. [4] [5] [6] [7] [8] Electrochemical measurements using microcapillary cells showed that pitting is inhibited in the alloy matrix away from such zones. 9, 10 Conductive defects in aluminum oxide films were recently detected using scanning electrochemical microscopy ͑SECM͒, but connections to chemical inhomogeneities or corrosion pit sites were not demonstrated. 11 In the fabrication of electrolytic capacitors, annealed aluminum foils of about 99.99% purity are anodically etched to create on the order of 10 7 cm Ϫ2 pits. The critical potentials associated with the formation and stability of these etch pits are equivalent to those for naturally occurring pits, suggesting that they are fundamentally the same form of corrosion. 12, 13 Impurities such as copper and lead promote pit formation during etching, and for this reason their bulk concentrations are carefully controlled, copper at 30-60 ppm and lead at Ͻ1 ppm. 12, 14, 15 The important influence of parts per million ͑ppm͒-level impurities on pit initiation again suggests that sites of pits formed during etching are determined not randomly, but at surface defects of an unknown nature.
Previous work by the present authors has focused on the nature of pit initiation sites on aluminum foils used for anodic etching. [16] [17] [18] [19] [20] [21] Nanoscale metallic voids, located within 100 nm of the metal/ surface oxide film interface, were detected using positron annihilation spectroscopy ͑PAS͒. 17, 19 Because the measurements indicated that the internal surface of the voids was free of oxide, it was suggested that they would be highly reactive upon exposure as a result of uniform corrosion. Evidence was presented from PAS and atomic force microscopy ͑AFM͒ that locations of pits formed during anodic etching correspond to interfacial voids. Caustic dissolution, which is used as a pretreatment for anodic etching to enhance pit initiation, results in increased concentrations of interfacial voids. 17, 18 In addition to stimulating void formation, dissolution processes also produce enhanced concentrations of certain metallic impurities near the metal/oxide interface. For example, Wu and Hebert found that iron, copper, and gallium bulk impurities accumulated near the interface during caustic dissolution. 22 Thompson and co-workers observed interfacial layers in aluminum enriched with copper after electropolishing, chemical polishing, and anodizing, 23 and enrichment of copper and lead impurities after caustic etching.
14,15 On Al-0.2% Mg alloy, high-resolution depth profiles after electropolishing and chemical polishing clearly showed a layer of enhanced copper content adjacent to the oxide film. 24 A study of Al-0.4% Cu alloy after anodic oxidation found a similar interfacial copper layer with a thickness in the range 2.0-2.5 nm. 25 The important effect of bulk impurities on anodic etching, as well as the enhancement of both pit initiation and near-surface impurity content by uniform dissolution processes, suggest that impurities may play a role in pit initiation. Thus, if pits form at interfacial voids, there may be a mechanistic relationship between voids and impurities. This relation was investigated in the present work. PAS and AFM measurements after caustic dissolution of 99.997 and 99.9995% Al foils were carried out, similar to those previously used to detect voids in 99.98% Al samples. 17 The surface concentrations of certain key impurities such as copper have been shown to obey a mole balance assuming complete impurity retention during dissolution 22, 23 
where ⌫ i is the surface impurity concentration, ⌫ i 0 the initial surface concentration, V d the dissolution velocity, and C ib the bulk impurity concentration. Equation 1 was tested using Rutherford backscattering spectrometry ͑RBS͒, which can quantitatively determine surface composition. If voids are correlated with impurities, the PAS and AFM measurements should reflect dependencies on bulk impurity concentration and time which are consistent with this mole balance. The results of this investigation may be relevant to aluminum alloys, for which as mentioned above the distribution of corrosion sites is thought to be influenced strongly by the concentration of copper dissolved in the alloy matrix.
Experimental
The aluminum foils used in this work had overall bulk purities of 99.98, 99.997, and 99.9995%, as reported by the manufacturer, and were designated as samples A, B, and C, respectively. All foils were approximately 100 m thick. Foil A ͑Toyo͒ was provided in the as-annealed condition, and its typical grain size of 100 m. Samples B and C ͑Alfa͒ were annealed at 550°C for 6 h and 10 Ϫ7 Torr. Caustic treatment was done by room temperature immersion of foils in aqueous 1 M NaOH solution at open circuit, without circulation of the bath. The dissolution velocities measured using a precision micrometer were approximately 140, 130, and 73 nm/min for samples A, B, and C, respectively. In the sulfuric acid treatment, foils were immersed in aqueous 1 M H 2 SO 4 at room temperature.
Inductively coupled plasma-mass spectrometry ͑ICP-MS͒ was used to measure the bulk concentrations of Cu and Fe impurities. Cu concentrations were found to be 7.4, 3.9, and 0.8 wt ppm for foils A, B, and C, respectively, while Fe concentrations were 15.1, 4.4, and 14.2 wt ppm in the same foils. Surface composition was measured with RBS ͑Charles Evans͒. The RBS system used a He ϩϩ ion beam with energy 2.275 MeV, and the detector was oriented at an angle of 160°. Simulation of RBS was carried out using the RUMP software package ͑Computer Graphic Service͒.
Details of the PAS measurement system and procedures are the same as those described in other publications. 16, 19, 26 The measurements were conducted in a vacuum system at Washington State University, at 10 Ϫ7 Torr. The positrons were emitted from a 22 Na source and passed through a monochromator. They were implanted within the sample to mean depth, z m , given by
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Here, z m is in nm and E b is the beam energy in keV. At each beam energy, a Doppler-broadened gamma radiation spectrum was measured using a Ge detector mounted perpendicular to the beam direction. Each spectrum consisted of about 10 6 counts. The S and W spectral lineshape parameters of the photopeak at 511 keV were determined by the system software to within an accuracy of 0.001. S represents the fractional area comprising the central portion of the peak, associated with annihilation by valence electrons, while W refers to its high and low-energy extremes, contributed by annihilation with core electrons. S is enhanced in regions of the sample containing open-volume defects, and W is reduced in such regions. Reported S parameters were normalized by dividing by the bulk aluminum values, which were measured at large implantation depths. Because of the extensive annealing of the foils and large grain size, the bulk metal represents an essentially defect-free reference state. This conjecture is supported by the positron diffusion length of 150 nm found to characterize the bulk metal, which is close to the value for single-crystal aluminum. 16, 27 The presence of open volume defects within the metal is indicated by normalized S parameters larger than 1.0.
AFM examination of foils was carried out in air and with contact mode with a 14 m scanner, along with Si cantilevers and a Si 3 N 4 tip ͑Digital Instruments Nanoscope III͒. The photodiode set point voltage was set to 4.60 V; assuming a cantilever spring constant of 0.06 N/m, the applied force is estimated to be 1.5 nN. Prior to AFM observation, the surface oxide film on some NaOH-treated foils was chemically stripped. Stripping was accomplished by immersion of the foils in solutions 2 wt % CrO 3 and 2 wt % H 3 PO 4 , at 85°C. The stripping treatment time was typically 1 min. Quantitative image analysis for AFM was carried out using the Image SXM software application.
Results and Discussion
PAS measurements.-Plots of the S parameter vs. positron beam energy, for various NaOH treatment times, are shown in Fig. 1 and 2 for samples B and C. A similar set of S energy profiles was obtained earlier for foil A. 17 S maxima at values of 1.02-1.07 are present in all profiles at energies less than 5 keV. The region where S exceeds unity extends to greater depths than the expected oxide thickness of 2-3 nm. 28 It therefore indicates the presence of openvolume defects in the metal near the oxide/metal interface. With increasing treatment time, the peak S values at first increased and then decreased; parallel behavior was obtained in Ref. 17 for sample A. S energy profiles of foil C measured after times shorter than 5 min showed reduced S values at energies below 4 kV, and over the same energy range an enhanced R parameter indicative of orthopositronium formation. 19 Such behavior suggests a thick, porous surface oxide layer, which had likely formed during annealing. 19, 29 Plots of the S parameter vs. the W parameter ͑not shown͒ for the samples B and C followed the same trace as that found earlier for the foil A. 17 The location of this trace is determined by the characteristic S and W parameters of the bulk aluminum, surface oxide, and the interfacial defect, which appear as vertices on the plot joined by straight line segments. The S and W parameters of the defect were 1.072 and 0.74, respectively, coincident with the parameters found earlier. This indicates that the defect is of the same type, i.e., a metallic void of at least nanometer size. Such interfacial voids have been found in foil A in the as-annealed condition, and also after dissolution in caustic and acidic solutions, electropolishing, and anodic oxidation. 17, 19, 20 The high S parameter of the void relative to that of oxide ͑ϳ0.92 20 ͒ indicates that its surface is oxide-free, and should thus be highly reactive if exposed by uniform corrosion. A similar high S parameter was measured on a clean aluminum surface in vacuum. Simulations of the S-energy profiles in Fig. 1 and 2 were carried out in order to gain information about the properties of the defectcontaining metal layer adjoining the oxide film. The simulations were numerical solutions of the positron diffusion-annihilation equation, and were accomplished using the VEPFIT software application. 31 As in Ref. 17 , the samples were modeled as a defect layer adjoining bulk aluminum. The defect layer was described by a characteristic S parameter S d , thickness B d , and positron diffusion length L d . The bulk aluminum diffusion length was set to 150 nm, consistent with that of single crystal aluminum samples. 27 The fit S d for samples B and C, with the earlier results for foil A, are shown in Fig. 3 ; AFM results to be discussed in the next section are also displayed. The corresponding fit values of B d and L d are listed in Table I . Simulations were not carried out for sample C with NaOH treatment times less than 5 min, since VEPFIT does not describe positron implantation and diffusion in porous overlayers. Figure 3 shows that for each foil sample, S d behaved in a similar fashion as the S maxima in Fig. 1-2 , at first increasing with dissolution time and then decreasing. S d is semiquantitatively related to the void volume fraction of defects
where S D is the characteristic S parameter of voids, S B ϭ 1.0, the S parameter of aluminum crystal, and f d is the void volume fraction in the defect layer. Because S D has a fixed value of ϳ1.074, the variation of S d with NaOH treatment time reflects changes of the void concentration in the defect layer. The decrease of S d at long times is presumably due to a greater rate of void removal by metal dissolution, compared to that of void formation. Figure 3 demonstrates that the time dependence of S d depends strongly on foil purity: with increasing purity, the S d maximum is displaced to longer times. Because the dissolution rates of the foils differed by only about 30%, the higher purity foils evidently required more extensive dissolution to reach the maximum void volume fraction. This immediately suggests a role for impurities in void formation, as discussed in more detail below. According to Table I , the defect layer thickness of sample C decreased from 23 nm at 5 min to 6-10 nm at longer times. A similar trend was found for foil A, and can be explained as the dissolution of an initial thick defect layer, and its replacement with a thinner layer produced by the dissolution itself. With regard to sample B, B d decreased from 316 nm after annealing to 12 nm after 15 min NaOH treatment, but then increased to 100 nm at 90 min. This increase of the defect layer thickness at long dissolution times was not found in other studies of dissolution treatments. An artificially large defect layer thickness result from surface roughness on these samples, because positrons implanted at the base of asperities could diffuse laterally to encounter interfacial voids.
The fit positron diffusion lengths for all samples lie between 2-3 nm, except for the L d of 18 nm for the as-annealed foil B. The literal meaning of L d is the mean distance which positrons can diffuse prior to annihilation or trapping into defects; in the simulations, it controls the slope of the increase of S at low energy. However, evidence was shown previously that the fit L d values may actually represent the surface oxide layer thickness, which would control the low-energy rise of S if the true L d is very small, owing to a high defect concentration in the layer. 19 This interpretation is reasonable for the present results, because the oxide thickness after NaOH treatment has been found to be 2-3 nm, the same as the fit L d . 28 Also, the presence of a thicker oxide on the as-annealed sample B is consistent with the finding of a thick porous oxide on foil C after annealing.
Additional dissolution experiments were carried out to investigate whether the trends in Fig. 1-3 are governed by immersion time or extent of metal dissolution. For this purpose, PAS measurements were obtained using as-received samples of foil A treated in 1 M H 2 SO 4 solution at room temperature. The corrosion current density in this solution was estimated to be 10 A/cm 2 , using Tafel extrapolation of electrochemical current-potential curves to the open-circuit potential. This current density is equivalent to a dissolution rate of 0.2 nm/min, about 700 times smaller than that in the alkaline bath. 1.053, and 1.059, respectively. The increase of S d during H 2 SO 4 dissolution is comparable to that in Fig. 3 which occurred during NaOH treatment, suggesting that similar concentrations of interfacial voids were formed. In contrast to the peak S d at 1 min in NaOH, the highest S d in H 2 SO 4 was reached after 90 min. However, the dissolved depths at the highest measured S d values were roughly similar, 140 nm for NaOH and 60 nm for H 2 SO 4 . Thus, consideration of different bath compositions aside, the dissolution time did not determine the interfacial void concentration. Instead, Fig. 3 and 4 suggest that the extent of dissolution of a given foil controlled S d . Figure 5 shows three pairs of AFM top-view images depicting foil surfaces before and after chemical stripping of the surface oxide. Caustic dissolution created a topography consisting of shallow scalloped depressions surrounded by ridges. 18 Those depressions formed a mosaic of roughly polygonal cells which covered the surface. The figure demonstrates that the cell width increased with purity, as noted previously. 32 After stripping, the cellular topography was unchanged except for the presence of a large number of cavities associated with individual cells. The cavity depths were at least 20 nm, clearly greater than the oxide thickness of 2-3 nm. Thus, the cavities were in the form of pits extending into the metal. Figure 5 indicates that cavities on foils A and B were located along cell ridges. However, those on sample C were found in the interior of cells, and had elongated shapes parallel to the ridges.
AFM topographic images.-
Other AFM images were acquired of samples B and C after oxide stripping following various exposure times to NaOH. 33 At first, the surface was generally roughened by dissolution ͑Fig. 5a͒, but eventually the cellular pattern became apparent. Image analysis software was used to determine the fractional surface area occupied by the mouths of cavities, as a function of NaOH treatment time ͑Fig. 3͒. The fractional cavity area and S d follow the same trends with dissolution time, with maxima of both measurements occurring at the same times. Agreement of the time dependence of these measurements was demonstrated previously for foil A. It is taken as evidence that the cavities in AFM images correspond to sites of the buried interfacial voids detected by PAS. According to this view, the voids were exposed by uniform dissolution in the stripping bath, and then were enlarged by metal dissolution prior to passivation. Thus, the void size is likely smaller than that of the cavities found in AFM images. Figure 3 demonstrates that the bulk metal purity governs the buildup and decay of the interfacial void concentration during dissolution. The relationship of this trend to the surface concentrations of Cu and Fe impurities was examined. These particular impurities were chosen because they were present in all three foil samples, and because the bulk concentration of copper is known to decisively impact the number and distribution of pits formed during anodic etching. It was previously found that both Cu and Fe are retained in the metal during caustic dissolution, in which case the trend of their surface concentrations with time should be governed by Eq. 1. 22 If verified, this equation could then be used to correlate the PAS and AFM results with these impurities.
Accumulation of near-surface impurities during dissolution.-
The predictions of Eq. 1 were compared with RBS measurements of the Cu and Fe surface concentrations. Spectra were acquired using foils B and C after respective dissolution times of 15 and 30 min, corresponding to the maxima in Fig. 3 . Simulation of RBS was based on Eq. 1 with the additional assumption that the initial surface impurity concentration could be neglected. 22 The simulation was implemented using RUMP software. The impurities were assumed to be distributed uniformly within a 10 nm thick, surface-adjacent layer. Within this layer, the impurity concentrations per unit area were determined by Eq. 1. Nickel was included in the simulation of foil B, because it was present in the manufacturer's assay of impurities, and its energy edge lies between those of copper and iron. Variation of the impurity layer thickness at constant ⌫ i had no effect on the simulated spectra, for thicknesses smaller than 20 nm; the peak shapes were determined primarily by the detector energy resolution. Medium energy ion scattering measurements suggest that the impurity layer thickness was in fact only 2-3 nm. 25 Figure 6 compares experimental and simulated spectra in the region of the copper and iron edges. Reasonable quantitative agreement was found, especially for sample B. This agreement supports Eq. 1, and in particular, the assumption that copper and iron impurities are retained in the metal during dissolution. Other measurements of surface impurity concentrations after caustic dissolution of aluminum have found retention of both copper and iron, 22 or copper but not iron. 23 The discrepancy may be due to the use of annealed foil in Ref. 22 but not in Ref. 23 , in which iron may have been present in particulates. The presence of an impurity in solid solution may be a requirement for retention, since second-phase particles can be undercut and eroded by dissolution.
Interfacial voids and impurities.-Because Eq. 1 was supported by the RBS measurements, it was used to calculate the surface concentrations of copper and iron. This section explores the correlation between surface impurity concentrations so obtained, and the PAS and AFM measurements. In Fig. 7-8 , the defect layer S parameter and fractional cavity area are plotted the calculated copper and iron surface concentrations. ͑a͒ foil A, 15 min in NaOH, height contrast 105 nm; ͑b͒ foil A, 15 min in NaOH followed by oxide stripping treatment, 100 nm; ͑c͒ foil B, 30 min in NaOH, 130 nm; ͑d͒ foil B, 30 min in NaOH followed by oxide stripping treatment, 133 nm; ͑e͒ foil C, 120 min in NaOH. 133 nm; ͑f͒ foil C, 120 min in NaOH followed by oxide stripping treatment, 260 nm.
According to Fig. 7 , there was a fair correlation of the trends of S d and fractional cavity area with the surface copper concentration.
The peak values of these measurements for foils A and C occurred at 4 ϫ 10 12 atoms/cm 2 , and at 2 ϫ 10 13 atoms/cm 2 for sample B. In contrast, the maximum S d and fractional cavity area are more widely separated when plotted vs. either time or surface iron concentration ͑Fig. 3 and 8͒. Thus, the figures imply a relationship between the buildup of copper in the metal beneath the oxide, and the formation of metallic voids in the same region. Because the surface impurity concentration of a given foil is determined by the extent of dissolution, this result is also consistent with the H 2 SO 4 immersion experiment ͑Fig. 4͒. If voids serve as pit sites, Fig. 7 could explain the importance of controlling the copper impurity concentration at the 30-60 ppm level, as done industrially to obtain a favorable distribution of pits by anodic etching. It should be mentioned, though, that other impurities such as Pb also affected pit initiation significantly, the concentrations of which were neither controlled nor measured in the present work. 14, 15 Those impurities may then have contributed to the trends in Fig. 3 . However, the results argue strongly that nearsurface impurities in general decisively influence the formation of interfacial voids, and appear to indicate a particular role for copper in this process.
The nature of a relationship between copper concentration and the rate of void formation can be inferred from Fig. 3 and 7 . The mole balance governing ⌫ v , the area concentration of interfacial voids, during dissolution is
where g(⌫ i ) is the rate of generation of voids per units area, and B d is the thickness of the void-containing interfacial layer. The second term on the right is the rate of void removal by metal dissolution. The form of g(⌫ i ) can be roughly characterized from Fig. 7 , according to which ⌫ v increases with time at low copper concentration and decreases when the copper concentration is high. For example, the generation rate in the former regime can be taken to be an increasing function of ⌫ i such as g(⌫ i ) ϭ k 1 ⌫ i . Using Eq. 1 with the approximations that ⌫ i and ⌫ v are initially zero, Eq. 4 can be integrated to obtain
Thus, after an initial transient with a short time constant of B d /V d to about 10 s, ⌫ v would increase with time, as is the case in the initial portion of Fig. 3 . The behavior at long dissolution times, on the other hand, suggests a decreasing generation rate, for example g(⌫ i ) ϭ k 2 exp(Ϫk 3 ⌫ i ). In this case, the solution of Eq. 4 is
Because the second exponential function would be negligible during the long-time decay of ⌫ v , Eq. 6 qualitatively models the decreasing void concentration with time indicated by Fig. 3 . Therefore, the measurements suggest that the void generation rate increases with copper content when the copper concentration is low, but decreases with copper concentration when the concentration is high. The latter behavior may be viewed in terms of the observed low pitting rates in the matrix phase of copper-containing aluminum alloys. 9, 10 Assuming that the copper-containing interfacial layer is 2 nm thick, 25 it would contain about 1% copper when the surface concentration is 10 14 atoms/cm 2 , a typical value when the void generation rate is low ͑Fig. 7͒. This copper content is comparable to that in the matrix phase of technological aluminum alloys, 10 suggesting inhibited void formation as a possible explanation for the low rate of pit initiation. The promotion of void formation at low copper con- centration may also help rationalize the high pitting susceptibility of the solute-depleted zones around grain boundaries or intermetallic particles. Thus, since the present dissolution experiments permit controlled variations of the surface impurity concentration, they can yield insight into surface composition effects relevant to alloy corrosion.
Some speculation can be given about the role of copper or other impurities in void creation. The attractive binding energy between copper impurities and vacancies in aluminum has been noted in the literature on electromigration. 34 During dissolution, the enhanced stability of vacancies adjacent to interfacial copper atoms may increase the likelihood of formation of vacancy-like defects when aluminum atoms are oxidized from neighboring sites. In a similar way, the binding energy between vacancies and dissolved hydrogen atoms leads to interfacial vacancy generation during the implantation of hydrogen in aluminum. 35 The interfacial copper-vacancy complexes could then diffuse together to form small copper clusters. Those clusters would be immobile, and would serve as fixed sites for ongoing vacancy generation from adjacent aluminum lattice positions. The vacancies thus formed would feed the growth of a void. Interfacial void creation may also require the ability of the adjacent oxide layer to transport interstitial metal ions; however, it is not clear presently how copper atoms could influence the conductive properties of the oxide. The reduced rate of void formation at long dissolution times could be the result of copper clusters of increasing size; many of the copper atoms in these large clusters would be shielded from the host aluminum atoms.
Conclusions
The relationship was investigated between surface concentration of copper and iron impurities, and formation of interfacial metallic voids in aluminum. Previous work has pointed out evidence that such voids can act as pit initiation sites. 17, 19 Void formation and surface impurity accumulation during uniform dissolution of aluminum in 1 M NaOH were characterized, using RBS, AFM, and PAS. Three types of aluminum foils with different bulk purity were used, which demonstrated different rates of surface impurity accumulation during dissolution. In each foil, PAS and AFM revealed evidence for generation of nanometer-scale interfacial voids at small dissolution times, and removal of such voids at long times. The accumulation of copper and iron near the Al surface during dissolution, without appreciable loss of these impurities to solution, was verified by RBS. It was found that the PAS and AFM measurements, when plotted vs. surface copper concentration, showed a similar trend for all three foil purities. This suggests that processes involving copper impurities at least partly control the formation and removal of voids as dissolution proceeds. This finding may explain the well-known effect of ppm-level copper impurities on pit nucleation during aluminum etching, and may also be relevant to copper solute effects in the corrosion of aluminum alloys.
